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Abstract

The deformation mechanisms under tensile loading in a 45 vol.% c 0 polycrystalline nickel-base superalloy have been studied using
neutron diffraction at 20 �C, 400 �C, 500 �C, 650 �C and 750 �C with the results interpreted via (self-consistent) polycrystal deformation
modelling. The data demonstrate that such experiments are suited to detecting changes of the c 0 slip mode from {111} to {100} with
increasing temperature. Between room temperature and 500 �C there is load transfer from c 0 to c, indicating that c 0 is the softer phase. At
higher temperatures, opposite load transfer is observed indicating that the c matrix is softer. At 400 �C and 500 �C, an instantaneous
yielding increment of about 2% was observed, after an initial strain of 1.5%. This instantaneous straining coincided with zero lattice mis-
fit between c and c 0 in the axial direction. Predicted and experimental results of the elastic strain response of the two phases and different
grain families showed good agreement at elevated temperatures, while only qualitative agreement was found at 20 �C.
� 2007 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction

Polycrystalline c–c 0 nickel-base superalloys represent an
important class of two-phase materials with considerable
technological interest because of their excellent high tem-
perature properties, which arise from the presence of
Ni3Al (c 0, L12-structure) precipitates embedded in the Ni
alloy matrix (c, fcc (face-centred cubic)). In order to
increase the operating temperature in turbine engines, a
new generation of nickel-base superalloys has been devel-
oped for disk applications containing a significantly higher
volume fraction of c 0 than previous superalloys. These
new alloys have a c 0 volume fraction of close to 50%.
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Understanding the deformation mechanisms is critical in
these alloys, since it is necessary to ensure good tensile
strength and fatigue properties alongside improved creep
resistance.

In nickel-base superalloys, c 0 precipitates are coherent
with the c matrix and display an exact cube–cube orienta-
tion relationship with the c grains [1]. The unstressed lattice
parameter of the c 0 precipitates is generally slightly differ-
ent to that of the c matrix. The precipitation hardening
mechanisms of c 0-strengthened nickel-base superalloys
has been studied in great detail by a number of researchers
[2–4]. It is now generally accepted that small c 0 precipitates
are cut by weakly and strongly paired dislocations and that
large c 0 precipitates are bypassed by Orowan looping. In
the case of a duplex c 0 distribution, it was shown empiri-
cally [5] that when the two classes of c 0 precipitates exist
as a randomly intermixed distribution, the individual yield
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stress increments from these two mechanisms Ds1 and Ds2,
superimpose to give a measured total yield stress increment
Ds0 described by

Dsa
0 ¼ Dsa

1 þ Dsa
2 ð1Þ

For various combinations of strong c 0 precipitates mixed
among (shearable) weak precipitates, the superposition
exponent a varies between 1 and 2 depending on the spe-
cific strength of the precipitates. In contrast, if there are
well-defined regions of each class of c 0 precipitate, a rule
of mixture can be applied to give the total yield stress
increment:

Ds0 ¼ A1Ds1 þ A2Ds2 ð2Þ
where A1 and A2 are the area fractions.

In addition, it is well known that the L12 ordered struc-
ture displays an anomalous yield stress versus temperature
behaviour, with Westbrook [6] first showing that Ni3Al
shows a peak hardness at elevated temperature. The most
widely accepted mechanism for the flow stress increase was
proposed by Thornton et al. [7] and involves cross slip of
screw dislocations from (111) slip planes to the (010)
planes where the dislocations are assumed to be immobile.
This interaction can result in unusual behaviour where the
high temperature (e.g. 550 �C) yield stress is higher than
the room temperature value even though the strength of
the c phase decreases with increasing temperature. At even
higher temperatures, diffusional mechanisms start to
unlock the dislocations and the strength of c 0 drops rap-
idly and with it the overall strength of the material. There-
fore below the peak strength temperature, i.e. in the
regime where the yield strength increases with rising tem-
perature, the active slip systems are predominantly
{11 1}Æ110æ, while above the peak temperature
{10 0}Æ110æ slip is predominant [8]. The driving force for
the change of slip mode with increasing temperature is
provided both by the anisotropy of the antiphase bound-
ary (APB) and by the resolved shear stress on the
{10 0}Æ110æ system. It was demonstrated by a number of
researchers [9,10] that at high temperature, dislocations
have a lower energy on the (01 0) plane than the (111)
plane because the APB is at a minimum on the (01 0)
plane. Further studies in this area showed that Shockley
partials form during high temperature deformation, which
cause the critical resolved shear stress (CRSS) of grains
orientated near [001] and ½�111� to be direction dependent
[11,12]. To date, most of the experimental evidence of the
change of the slip mode in c 0 has been achieved by in situ
transmission electron microscopy (TEM) studies on single
crystal nickel-base superalloys [13]. However, if one wishes
to study deformation mechanisms and micromechanics in
polycrystalline nickel-base superalloys, such in situ TEM
studies are far from ideal since the constraints imposed
by the polycrystalline material do not exist in thin foil
studies.

In this paper we report data obtained from in situ neu-
tron diffraction studies carried out during tensile loading
of Alloy 720Li, a c 0-strengthened alloy used by the
aero-engine industry for disk applications. These mea-
surements were undertaken between room temperature
and 750 �C and explore the influence of the changes of
slip mode on the distribution of internal interphase and
intergranular strains. As will be discussed, clear qualita-
tive and quantitative changes in behaviour can be seen
as the testing temperature is raised. The interpretation
of the experimental data is supported by a new two-site
elastoplastic self-consistent (EPSC) polycrystal deforma-
tion model. The results demonstrate that the change of
slip mode in c 0 with increasing temperature in polycrystal-
line nickel-base superalloys can be detected by a combina-
tion of in situ neutron diffraction studies and EPSC
modelling.

2. Experimental details

The material used in this study was Alloy 720Li, an
advanced nickel-base superalloy containing about
45 vol.% c 0 phase, a nominal value which was subse-
quently confirmed by analysis of the diffraction data.
The material was produced by the cast and forged route
and had an approximately random texture. The chemical
composition of Alloy 720Li is given in Table 1. Since Al
and Ti are strong c 0 stabilisers and Ni can be substituted
by Co [14], c 0 in Alloy 720Li is best described as
(Ni, Co)3(Al, Ti). The material was provided as a 150-mm
cylinder by Rolls Royce plc and had been solution heat
treated below the c 0 solvus to avoid grain coarsening, fol-
lowed by air cooling and a 16-h heat treatment at 760 �C.
This heat treatment provides a material with a complex tri-
modal c 0 distribution, which balances good strength and
fatigue properties with sufficiently good creep resistance.
The sub-solvus solution heat treatment resulted in coarse
inter-granular c 0, generally termed primary c 0, shown in
Fig. 1a. During cooling, intra-granular c 0 starts to precip-
itate and coarsen, usually termed secondary c 0. As the
material continues to cool, diffusion of c 0 stabilising ele-
ments from the supersaturated matrix towards primary
or secondary c 0 becomes increasing difficult, resulting in
the formation of fine, so-called tertiary c 0 sitting between
secondary c 0 (Fig. 1b). The as-received material was first
cut into slugs before machining into standard threaded
tensile samples with a gauge diameter of 6 mm and gauge
length of 40 mm.

Type I strains or stresses [15] can be determined by a
range of methods, including diffraction-based, material
removal and non-contact optical strain techniques. How-
ever, to determine the average phase elastic strain or the
elastic strains in particular orientations of grains requires
the use of diffraction methods. In typical neutron diffrac-
tion experiments, a gauge volume of several cubic millime-
tres is defined using apertures on the incident and diffracted
beam paths, thus providing measurements of elastic strain
typically averaged over several thousand grains. The
method is well established and is described in, for example



Table 1
Nominal chemical composition of Alloy 720Li

Alloy Cr Co Mo W Al Ti C B Ni

720 LI 18 15 3.0 1.25 2.5 5.0 0.020 0.032 Bal.

Fig. 1. Scanning electron microscopy images revealing (a) coarse inter-
granular primary c 0 at low magnification and (b) intragranular secondary
(coarse) and tertiary (fine) at high magnification in Alloy 720Li.
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Refs. [16,17]. Here we emphasize however that such diffrac-
tion measurement involves monitoring of changes in sepa-
ration of one or more suitably orientated crystallographic
lattice planes. It is thus a direct measure of the elastic strain
in the material. In a polycrystal, the lattice spacing
obtained by fitting a diffraction peak represents the average
lattice separation over all the grains in the irradiated vol-
ume which are suitably oriented to diffract.

A series of increasing uniaxial tensile loads were applied
sequentially to each specimen in situ on the ENGIN-X
instrument [18] at the ISIS pulsed neutron facility, Ruther-
ford Appleton Laboratory. The load frame and its use is
described in detail elsewhere [19], but in brief the loading
axis is horizontal and at 45� to the incident beam, allowing
simultaneous measurement of lattice plane spacing both
parallel and perpendicular to the loading direction. The
optical furnace used to heat the samples, in air, is described
in more detail in Ref. [20]. The temperature was measured
using a K-type thermocouple held in contact with the sample,
just outside the neutron measurement volume. Measure-
ments were carried out at temperatures of 20 �C, 400 �C,
500 �C, 650 �C and 750 �C.

At time-of-flight sources, such as ISIS, neutron pulses,
each with a continuous range of velocities and therefore
wavelengths, are directed at a specimen. The flight times
of diffracted neutrons are measured, allowing calculation
of wavelengths and the recording of diffraction spectra.
The incident spectra are polychromatic, thus many lattice
planes are recorded in each measurement. The scattering
vectors for all reflections recorded in one detector lie in
the same direction and thus indicate the strain in that direc-
tion in the sample. Each reflection is produced from a dif-
ferent family of grains, oriented such that a specific h kl

plane diffracts to the detector. A more complete description
of these issues can be found elsewhere [21]. It is now com-
mon practice at such a source to fit the whole spectrum
simultaneously using a Rietveld refinement [22] when inves-
tigating the ‘‘average’’ or continuum equivalent strain in a
phase. A two-phase Rietveld refinement was used to pro-
duce the phase average strains in each direction, parallel
(longitudinal) and perpendicular (transverse) to the loading
axis, respectively. Subsequently, to investigate how differ-
ent grain orientations respond, we carried out fits to indi-
vidual peaks within the spectrum, using the GSAS [23]
software package, with an appropriate peak shape [24].
The diffraction data analysis in nickel-base superalloys is
complicated by c (fcc) and c 0 (L12) exhibiting almost iden-
tical lattice parameters. Therefore any fundamental reflec-
tions observed during the experiment are produced from
both phases. A method to deal with this was established
for a low volume fraction c 0 system and is described in
detail in Ref. [25]. The method has also been used in the
analysis of neutron diffraction studies of load sharing
occurring in high c 0 volume fraction systems [26,27]; the
materials studied in these latter works had near cuboid c 0

precipitates, in contrast to the microstructures seen here.
In essence, the approach takes advantage of the fact that
the c 0 precipitates have an ordered structure primitive cubic
lattice in which the nickel atoms are at the face centres and
the aluminium or titanium atoms at the cube corners, while
the c grains are a solid solution with a fcc lattice and a ran-
dom distribution of the different species of atoms. Since the
c 0 lattice is primitive cubic, additional superlattice reflec-
tions from the c 0 precipitates are observed, which are weak
since they depend on the difference in scattering power
between the Ni and Al/Ti atoms. Thus the position of
the first order c 0 (e.g. 100, 110) peaks can be determined
unambiguously. Using the known intensity relation based
on the structure factor between first order c 0 (100) and sec-
ond order c 0 (200), and the known d-spacing relation, it is
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possible for the c 0–c (20 0) doublet peak to be fitted using a
constrained double peak fit. A similar approach is applica-
ble to the analysis of the c 0–c (220) peak. Peaks such as the
(111) and (311) can only be analysed as a doublet since
there is no lower order c 0 peak available. Thus the only c
diffraction peaks for which strain can be determined are
the (200) and (22 0) types, while this is possible for several
c 0 diffraction peaks. The doublet analysis was carried out
using routines written in the OpenGenie software [28],
again with the appropriate peak shape. As mentioned
above, the two phases display a slight lattice mismatch
which is known to contribute to the overall strength in sin-
gle-crystal nickel-base superalloys [29]. However, in poly-
crystalline Ni superalloys, the influence of the c/c 0 lattice
mismatch on mechanical properties is far less studied. As
we measured the lattice spacing of each phase during the
loading experiments, we report the evolution of the c/c 0 lat-
tice mismatch during loading. In addition we report phase
and grain specific strains and comparisons with model pre-
dictions. However, owing to restrictions in space available
we are not able present all the data at all temperatures, and
show in each case only key data sets that illustrate the tran-
sition in deformation mechanisms.

In interpreting the data reported in this paper, it should
be pointed out that it is generally accepted that each type of
c 0 precipitate (primary, secondary and tertiary) has a differ-
ent strengthening contribution to the overall mechanical
properties of nickel-base superalloys. However, when
recording the elastic strain from c 0 superlattice peaks it is
not possible to distinguish between these different types
of c 0 precipitates. As a consequence, the recorded elastic
strain response of c 0 has to be treated as an average of
the complex c 0 distribution. We aim to overcome this
shortcoming in the future by generating uni-modal c 0 dis-
tributions for such studies. This will be achieved by heat
treating the material above the c 0 transus followed by an
oil quench, which suppresses any significant c 0 coarsening
during cooling. The model used to interpret the data has
no intrinsic length scales in itself, thus any attempt to
model the relative contribution of multiple types of c 0 pre-
cipitate would be complex and will require interpretation of
future experimental data obtained from uni-model
distributions.

The tests were carried out under stress control and each
neutron data acquisition (approximately 20 min) was then
carried out at constant stress. This period of holding at
constant stress provides time for a diffraction pattern of
sufficient quality to be obtained. Macroscopic strain was
monitored on the samples using a dynamic high tempera-
ture extensometer clip gauge in all cases. A slit 6 mm high
and 4.5 mm wide defined the incident beam, while radial
collimators provided a scattered beam width of 4.5 mm.
In each case the strains shown are with respect to the initial
lattice parameter measured at a nominal zero stress, for the
given temperature. That is, strain e = (a � a0)/a0 = (d � d0/
d0) where the lattice parameter a of each phase is deter-
mined by Rietveld refinement or the d-spacing of individual
reflections from single peak fits, and a0 and d0 are the start-
ing values. The strains reported thus do not show any con-
tribution to the initial elastic strain from thermomechanical
processing.

3. Description of model

To explore the different responses of the variously ori-
ented grain families, i.e. to understand the behaviour of
the individual diffraction peaks, we need to be able to
describe the elastic–plastic properties of the polycrystal-
line aggregate. The response has been modelled here using
a modification of the Hill self-consistent approach [30],
first implemented by Hutchinson [31]. In this model a
population of grains is chosen with a distribution of ori-
entations and volume fractions that match the measured
texture. Each grain in the model is treated as an ellipsoi-
dal inclusion (here spherical) and is attributed anisotropic
elastic constants and slip mechanisms characteristic of a
single crystal of the material under study. Interactions
between individual grains and the surrounding medium
(which has properties of the average of all the grains)
are performed using an elasto-plastic Eshelby-type self-
consistent (EPSC) formulation [32]. Since the properties
of the medium derive from the average response of all
the grains, it is initially undetermined and must be solved
by iteration. Small total deformations are assumed and no
lattice rotation or texture development is incorporated. A
single phase version of the model and its actual imple-
mentation are described in more detail in Ref. [33]. This
model has been shown to be in good to excellent agree-
ment in comparison with diffraction data for a range of
materials, including fcc [34], bcc (body-centred cubic)
[19] and hcp (hexagonal close packed) [35] crystal struc-
tures, and more recently multiphase systems [36,37] where
there is no crystallographic relation between the two
phases.

The extra complication present in the case of the Ni
superalloy system is a well-defined crystallographic rela-
tionship between the c matrix and the intragranular c 0 pre-
cipitates. In order to model this, we have used a ‘‘two-site’’
modification of the Hill self-consistent formulation. In this
case, two ellipsoids are modelled within the medium. The
Eshelby tensor becomes roughly four times as complicated
as in the one-site case because of the requirement for inter-
action between the ellipsoids. The approach used in the
implementation of the model is similar to the one used
by Lebensohn and Canova [38] for a two-site large strain
visco-plastic self-consistent (VPSC) model, but here modi-
fied for elasto-plastic conditions [39]. The principal equa-
tions are given in Appendix 1. For the Ni superalloy
system, each ‘‘grain’’ is then modelled as a c ellipsoid in
contact with a c 0 ellipsoid. Each ellipsoid has the same crys-
tallographic orientation but is given appropriate phase
properties. The ellipsoid doublet then must deform as a
unit within the medium. This is an approximation to the
embedded structure seen in Fig. 1.
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The single crystal elastic constants used in the model
were determined from fitting to the experimental data
reported in Ref. [40] for pure Ni3Al as a function of tem-
perature. Given the alloying elements present in Alloy
720Li, this must be an approximation and indeed the pre-
dicted macroscopic moduli based on these values were
found to be uniformly too low. Following the approach
in Ref. [41], the single crystal constants were increased
by the same fraction (i.e. maintaining the same elastic
anisotropy) in order to match the observed macroscopic
moduli (Table 2). This required an increase of between
8% for the 750 �C data to 11% for the room temperature
data. Again, without better data available, the same single
crystal constants are used for the c 0 and c phases. This
should be a reasonable approximation, since the differences
are expected to be small [42]. While the use of such con-
stants thus clearly represents a considerable assumption
and a potential cause for error, the good agreement
obtained between model and experiment, as reported in
the next section, gives strong support for the approach
used.

For the plastic flow law for a given slip system, the crit-
ical resolved shear stress and exponential hardening coeffi-
cients are typically used as fitting parameters. The
hardening function used for each system is described by
(3) [43],

s ¼ s0 þ ðs1 þ h1CÞ 1� exp
h0C
s1

� �� �
ð3Þ

where C is the accumulated shear strain in the grain. The
crystallographic shear flow stress s in Eq. (3) describes (in
an average way) the resistance to activation that the defor-
mation modes experience. The threshold value is s0, and it
usually increases with deformation caused by strain hard-
ening, which is here assumed to follow a modified Voce
law [43]; s1 is the Voce stress where the hardening extrapo-
lates to a zero value of accumulated shear and h0 is the
athermal initial hardening rate [43,44], while the Voce
law has also been extended [43] to allow for an asymptotic
hardening rate of h1.

Plastic slip in the c phase was assumed to take place on
the twenty-four Æ110æ{111} systems. At room tempera-
ture, this slip system was also assumed for the c 0 phase
while at 750 �C, slip in the c 0 phase was assumed to take
place on just Æ110æ{100} [7]. At intermediate tempera-
tures, both slip systems were included for the c 0 phase.
The critical resolved shear stress, the Voce stress and hard-
Table 2
Elastic constants used in the plasticity model for c and c 0

Temperature/�C C11/GPa C12/GPa C44/GPa

20 254.6 170.9 137.4
400 242.6 168.7 125.1
500 238.9 167.5 121.7
650 227.0 161.2 113.2
750 223.1 160.1 109.6
ening coefficients were used as fitting parameters. These
were chosen so as to produce an optimum fit with the mea-
sured macroscopic stress strain curves and the average
phase strains observed by diffraction. The same set of yield
and hardening values are initially applied to all systems and
grains (i.e. there are four parameters in the model for each
type of slip system, for a given test). Each individual slip
system on that type in a given grain is subsequently kept
track of during modelling of the deformation and the hard-
ening curve followed appropriately according to the accu-
mulated shear strain. An isotropic hardening model was
used, i.e. with latent hardening equal to self-hardening.

We note that an alternative approach to modelling the
c–c 0 system using a modification of the EPSC model was
taken by Dye et al. [42]. There are some fundamental differ-
ences between that approach and the one taken here. First,
the earlier work considers only room temperature data for
a low volume fraction (15% c 0) traditional superalloy and
the c 0 phase is treated as always remaining elastic. Sec-
ondly, the secondary precipitate phase is embedded within
the primary phase using a second separate Eshelby calcula-
tion; it is thus a modification of the one-site approach. In
fact, this actually leads to a contradiction, since one of
the requirements/conclusions of the Eshelby solution is
that the stress field inside the ellipse is uniform. It is likely
that this may contribute to the reason that Dye’s calcula-
tions were so computationally demanding.

In order to provide reasonable comparisons with diffrac-
tion data, a subset of the total population of grains used in
the model is identified for each diffracting family, defined
by the condition of having an hk l plane-normal lying
within a 5� cone around the nominal scattering direction.
A random texture was used, with 1000 grain ‘‘doublets’’
to represent the material and a 45% weighting for the c 0

phase (55% for the c phase) to match the phase volume
fractions.

4. Results and discussion

The macroscopic stress–strain curves obtained during
the neutron tests are shown in Fig. 2. Significant differences
can be seen as a function of temperature. First, there is a
slight reduction in the observed Young’s modulus as the
temperature is raised. More importantly there is a signifi-
cant initial increase in yield stress as the temperature is
raised from 20 �C to 400 �C and a smaller further increase
in yield stress upon increasing to 500 �C. In addition, the
shape of the stress–strain curve, i.e. the development of
hardening, changes. At 20 �C, yielding is relatively sharp,
with a then more or less constant hardening slope (over
the strain range shown). At 400 �C and 500 �C, the initial
yielding is more gradual, and the steady state hardening
is of a lower gradient than that seen at 20 �C. Upon further
increase in temperature, there is a drastic drop in the yield
stress as 650 �C is reached, and then again a smaller further
drop on going from 650 �C to 750 �C. The hardening
response at 650 �C is in fact comparable to that seen at



Fig. 3. Axial and transverse elastic strain response of c and c 0 during
loading at (a) 20 �C, (b) 400 �C, (c) 500 �C, (d) 650 �C and (e) 750 �C.

Fig. 2. Experimental macroscopic stress–strain response recorded during
the loading experiments on ENGIN-X.
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500 �C, while that at 750 �C is even more gradual. The peak
in strength for this alloy is observed at a somewhat lower
temperature than the temperatures typically reported for
maximum critical resolved shear stress for the nickel super-
alloys used in single crystal applications, as reviewed in
Ref. [45].

4.1. Average phase elastic strains

Fig. 3a–e shows the average phase strains as determined
by changes in the lattice parameter obtained from the Riet-
veld refinement, in the direction parallel and perpendicular
to the applied load in the tests. The strain obtained in this
way is a good approximation to the average elastic strain
in the phase, both in cubic [46] and lower symmetry [47]
crystal structures. First, we note that the elastic moduli
of the two phases measured in the longitudinal direction
are in agreement with the accuracy of the observed exper-
imental data; only at room temperature do the data sup-
port a slightly different modulus. Thus this represents a
composite where there is relatively little load sharing in
the elastic regime – analogous to the case of ferrite–
cementite [48] or Ti–SiC composites [49]. The elastic slope
in the transverse direction is in all cases roughly 0.3 of that
observed in the axial direction and represents Poisson
contraction.

The observation of plastic behaviour in the macro-
scopic stress–strain curve (Fig. 2) correlates with the
observation of inflections in the average phase strains in
Fig. 3, that is load transfer between phases becomes sig-
nificant once plasticity occurs. Let us consider the data
at 400 �C (Fig. 3b) and apply simple composite load
transfer arguments. The c 0 phase initially yields at an
applied stress of around 1000 MPa and, for a given incre-
ment of stress, bears a smaller increment in elastic strain
than in the elastic region. This is seen in the longitudinal
and transverse directions. Correspondingly, the c phase
bears a larger increment of elastic strain, i.e. there is load
transfer from c 0 to c. It is perhaps surprising that at
400 �C the c 0 phase seems to yield plastically before the
c phase. As further plasticity occurs, the slope of the c 0

response in the longitudinal direction curves to the right
(in the transverse direction to the left), as the material
again bears a larger strain increment. This presumably



Fig. 4. Axial and transverse d-spacing response of c and c 0 during loading
at (a) 20 �C, (b) 400 �C, (c) 500 �C, (d) 650 �C.
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corresponds to hardening of the c 0 phase and yield of the
c phase. At 500 �C, higher applied stresses were achieved
and with it the effect of c 0 hardening and the reversal in
load transfer is more significant than at 400 �C, with
the phase strains actually crossing over. That is, while
at lower plastic strains/applied stresses, the 400 �C and
500 �C phase strains show similar behaviour (the c 0 phase
bearing less load); as plasticity progresses at 500 �C, the
hardening of the c 0 phase results in a reverse of the load
transfer with the c 0 phase carrying more load than the c
phase for very large plastic strains/applied stresses. It is
interesting that at room temperature, a very similar effect
to that seen at 500 �C is observed, with an initial c 0 yield,
but subsequent reversal of the load transfer resulting in
two crossovers of the c–c 0 phase strain curves. However
at room temperature the level of the initial load transfer
(see also insert in Fig. 3a) is much smaller than that seen
at 500 �C, indicating that c 0 hardening happens more
quickly at room temperature compared to 400 �C and
500 �C. The reasons for this rapid hardening are not
clear, but it is perhaps due to the highly constrained
microstructure of the c 0 phase combined with a limited
number of potential slip systems, with only the
Æ110æ{111} operating at this temperature. The data cer-
tainly demonstrate that an assumption of purely elastic
response of c 0 at room temperature, as in Ref. [42], is
not correct in our case. As the temperature is raised to
650 �C, a clear change in qualitative response occurs, with
the c phase yielding first and showing a vertical elastic
strain–stress response in both longitudinal and transverse
directions. As plasticity occurs, there is yielding in the c 0

phase evidenced by a change in curvature. The relative
magnitude of the plastic misfit strains in the transverse
direction seen at the different temperatures are approxi-
mately half the magnitude of the plastic misfit strains seen
in the longitudinal direction demonstrating a Poisson
effect, with the Poisson’s ratio now increased owing to
plastic flow.

4.2. Average phase d-spacing

Since the intragranular c 0 is coherent in the c matrix,
any load transfer between the two phases leads to a
change of elastic misfit between c and c 0. Fig. 4 shows
the d-spacings corresponding to the strains reported in
Fig. 3. The linear elastic regions and inflections associated
with plasticity can be clearly seen. The initial misfit seen
between the lattice parameter of the two phases corre-
sponds to a coherency strain of about 0.16% (1600 micro-
strain) in the longitudinal and transverse directions at
room temperature. With increasing temperature this ini-
tial coherency strain becomes smaller and reaches a value
of about 0.06% in the axial and 0.09% in the transverse
direction at 750 �C (data not shown, for reasons of
space).

As discussed above, when loading between room tem-
perature and 500 �C, at the onset of plastic yielding the
load is transferred from c 0 towards c. As a result, at the
onset of plastic yielding, the misfit between the two phases
decreases in the longitudinal and increases in the transverse
direction, as can be seen in Fig. 4a–d. In contrast, when the
material was loaded at 650 �C (and 750 �C, not shown), at
the onset of plastic yielding opposite load transfer between
the two phases is observed and consequently, the axial mis-
fit increases while the transverse misfit decreases (see
Fig. 4d). A more quantitative evaluation is given in
Fig. 5a–d, plotting the longitudinal and transverse coher-
ency strain against macroscopic plastic true strain. It is
interesting to note that at 400 �C and 500 �C, after strain-
ing the samples to about 1.5% (at �1250 MPa) and the
axial coherency strains had reached a value of zero, a large
instantaneous plastic deformation of about 2% occurred
(deformation happened in less than a second). The instantaneous



Fig. 5. Axial and transverse coherency strain against macroscopic plastic
true strain at (a) 20 �C, (b) 400 �C, (c) 500 �C, (d) 650 �C.

3096 M.R. Daymond et al. / Acta Materialia 55 (2007) 3089–3102
deformation resulted in a dramatic reduction in the differ-
ence between axial and transverse coherency strain. It can
be also seen in Fig. 3b and c that the instantaneous defor-
mation led to significant c 0 hardening, indicated by a jump
in the measured elastic strain of almost 1000 microstrain.
As the elastic misfit between c and c 0 has an impact on
the energy necessary to transfer dislocations between the
two phases, we suggest that the significant plastic deforma-
tion observed during tensile loading at this particular
moment may be related to the zero
longitudinal c/c 0 misfit. Fig. 5d shows that at 650 �C (sim-
ilarly for 750 �C, not shown) the transverse coherency
strain reaches zero when the material was strained in excess
of 4% at 650 �C (9% at 750 �C). At the same time, the axial
coherency strain reached large values, between 2000 and
3000 microstrain. No instantaneous straining was observed
at this stage, which is most likely due to the large plastic
strains already experienced by both phases.
4.3. Single peak strains

Plots of individual peak strains have been studied in
detail in conventional fcc materials and information
regarding the slip mechanisms can be extracted (see for
example Ref. [34]). We summarise the key observations
from such work to help with the interpretation of the
data shown. The response of each peak is approximately
linear in the macroscopically elastic regime, with a gradi-
ent dependent on the elastic anisotropy. Deviations from
the elastic linear response occur close to the onset of
macroscopic plasticity, but at different macroscopic
applied stresses for different grain populations and in dif-
ferent senses. Certain grains are preferentially oriented
for slip relative to their neighbours. In the case of mate-
rials with low elastic anisotropy (e.g. aluminium alloys),
this is understood based on the Schmid factor of the par-
ticular crystallite orientation. Added complexity is intro-
duced once elastic anisotropy is taken into account,
since this results in different grains experiencing signifi-
cantly different stresses and hence a more complex yield
response. Based on composite mechanics arguments,
these yielding grains then take up a relatively smaller
increment in elastic strain than in the elastic regime, i.e.
curving upwards into compression relative to the elastic
line.

There is additional complexity in our case, because of
the load transfer between phases, with the load transfer
between grain orientations superimposed on top of this.
The strains observed experimentally in the ‘‘doublet’’
peaks, (220) and (200), where the response of both c
and c 0 grain families can be determined, are shown in
Fig. 6a–d. The strain reported for each peak represents
the average strain response of the subset of grains for that
phase oriented for diffraction. In the following discussion,
the term ‘‘grain family’’ refers to the subset of grains which
contribute to a particular diffraction reflection along a cer-
tain scattering direction. That is, the longitudinal hk l grain
family comprises all grains in which an {hk l} plane nor-
mal lies parallel to or within a few degrees of the tensile
axis.

The 400 �C and 650 �C data sets show qualitatively sim-
ilar responses to those seen in phase average strains, Fig. 3.
The 750 �C data set is very similar to the 650 �C data set
and is not shown for space reasons. Thus at 400 �C the
c 0 phase is plastically softer, whilst at 650 �C the c phase
is plastically softer. Interestingly, at 500 �C, we have
reached a point in transition between these behaviours.
Thus the c phase shows a larger strain than the c 0 phase
in the (100) type peaks, as seen at 400 �C, but the opposite
relationship is seen for the (110) type peaks – as seen at
650 �C. It is tempting to assume this shows a shift in mech-
anism, but it is also possible that at 500 �C we have simply
reached a balance where the magnitude of the interphase
load transfer is of comparable magnitude to that caused
by intergranular load transfer. At 20 �C, the double cross-
overs seen in the mean phase strains cannot be resolved



Fig. 6. Axial strain response of the (100) and (110) c 0 reflections and the (200) and (220) c reflections during tensile loading. The experimental data are
plotted for measurements undertaken at (a) 20 �C, (b) 400 �C, (c) 500 �C, (d) 650 �C. The lines represent ‘‘best fit’’ to the data and are a guide to the eye.

Fig. 7. CRSS values used in the plasticity model as a function of
temperature, which provided the best fit between the predicted and
experimentally measured stress–strain curves.
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owing to the higher statistical uncertainty in the single
peak strains. Finally, we note that at 650 �C (and
750 �C) the differences between the strains observed in
the two phases are significantly larger than in any of the
other plots.

4.4. CRSS obtained from EPSC modelling

As discussed earlier, an optimum agreement between
the plasticity model and the macroscopic stress–strain
curves was achieved by considering the plastic flow law
and a fitting approach to identify the CRSS and expo-
nential hardening coefficients for each phase, for the tem-
peratures tested. Fig. 7 displays the CRSS data for slip
on the {111} slip planes in c and c 0 and the {100} slip
planes in c 0 as a function of temperature, which provided
the best fit simultaneously between the experimental and
predicted stress–strain curves, and the phase average
stresses. As one would perhaps expect, the CRSS in c 0

first increases between room temperature and 500 �C
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before it decreases between 500 �C and 750 �C. At 400 �C
the CRSS of c 0 for slip on {100} is slightly lower than
on {111}. This tendency increases with rising tempera-
ture. As one would expect from the experimental data,
the CRSS of c for slip on {111} stays above the CRSS
of c 0 up to a temperature of 500 �C. Beyond this temper-
ature the CRSS of c drops more rapidly than that of the
c 0 phase, which results in CRSS values smaller for c than
c 0. The temperature dependency of the CRSS values for
the c matrix seen in Fig. 7 is as expected for the high
temperature region. However, at room temperature, the
model suggests a lower CRSS than at 400 �C. This result
is clearly unexpected since the fcc structure of the c matrix
should not display any strengthening anomaly and high-
lights the limitations of the two-phase EPSC model
applied in this study. It is interesting to note however
that the model does not seem to capture the behaviour
of the mean phase strains observed at room temperature
as well as it does at elevated temperatures, as discussed
in the next section. It should be noted that this is the
only model run where the model does not incorporate
{10 0} slip in the c 0 phase. Hence one explanation is that
perhaps the model cannot force grains to move with
strains very close together when the c 0 phase is harder
plastically. Once the c 0 is easier to deform with multiple
modes operating, the two phases can co-deform more
easily.
Fig. 8. Comparison of the axial elastic strain response of c and c 0 with EPSC pr
500 �C, (d) 650 �C. Points are experimental data, while the lines represent mo
4.5. Model comparison with elastic strains in c and c 0

The mean phase strains predicted by the model are
shown in Fig. 8, in comparison with the experimental data
already plotted in Fig. 3. Agreement for the 400 �C and
500 �C data sets is good. The capture of the initial yield
in the c 0 phase, followed by hardening and load transfer
back towards the c phase is correct, although the degree
of this reverse load transfer is insufficient to cause the sec-
ond crossover observed in the 500 �C data – at least at the
strain applied. The agreement with the room temperature
data is only qualitative. The softer response of the c 0 phase
is predicted, but significantly larger load transfer is pre-
dicted between the two phases than is actually observed.
In contrast, the agreement between the model predictions
and the 650 �C data set is excellent (similarly for 750 �C,
not shown). However, the ability to match phase strains
is only one feature of the model since – for example – the
shift in which phase yields first must be chosen in order
to match experimental data. For greater insight, we must
compare the model predictions with the observed single
peak strains.

4.6. Model comparison with single peak strains

The level of agreement observed in the phase average
strains discussed above is comparable to that seen in the
edictions of the phases response during loading at (a) 20 �C, (b) 400 �C, (c)
del predictions.



Fig. 9. Comparison of the axial elastic strain response of the (100) and (110) c 0 superlattice reflections and the (200) and (220) c reflections with EPSC
predictions of the strain response of these grain/precipitate families during loading at (a) 20 �C, (b) 400 �C, (c) 500 �C, (d) 650 �C. Points are experimental
data, while the lines represent model predictions.

M.R. Daymond et al. / Acta Materialia 55 (2007) 3089–3102 3099
doublet peak strains (Fig. 9a–d); however careful examina-
tion can provide additional information. First we note that
the elastic anisotropy of the two phases is almost identical
and is well captured with the elastic constants used. Sec-
ondly, if we consider the room temperature data in the
plastic regime, we can see that there is an initial departure
from linearity from the elastic response between 1000 MPa
and 1100 MPa which is captured correctly by the model. It
is only at the second inflection at around 1100 MPa that
there are significant discrepancies between the model pre-
dictions and experiment – namely that the model predicts
a much larger separation between the c 0 and c peak strains
than is observed.

The data at 400 �C and 500 �C show reasonable agree-
ment although there is some disagreement between model
and experiment in the applied stress at which the second
inflection in the (100) peaks occurs. This leads to discrep-
ancies between the data and model for higher stresses,
although the slope (hardening) is reasonably well captured.
The agreement at 650 �C is excellent, although there is
some failure to capture the second inflection in the c 0

(100) response.
Perhaps the most interesting comparison between model

and single peak strain data is seen however when we con-
sider just the c 0 peaks. In this phase we expect, and have
modelled, a change in the slip systems, from pure
Æ1 10æ{111} at room temperature to pure Æ110æ{001} at
750 �C, with the relative contributions changing as the tem-
perature is raised. Fig. 10a–e shows the comparison
between model and experiment; agreement is qualitatively
excellent and quantitatively good. The elastic anisotropy
and majority of inflections arising in the plastic zone are
captured. Most significantly we see a clear shift in behav-
iour as temperature is raised; at low temperatures the plas-
tic anisotropy of the (210) peak is only slightly different
from that of the (11 0) peak, while the (100) peak is signif-
icantly different. At very high temperatures and at larger
macroscopic plastic strains, the elastic strain of the (210)



Fig. 10. Comparison of the axial elastic strain response the (100), (110) and (210) c 0 superlattice reflections with EPSC predictions of the strain response
of these precipitate families during loading at (a) 20 �C, (b) 400 �C, (c) 500 �C, (d) 650 �C and (e) 750 �C. Points are experimental data, while the lines
represent model predictions.
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peak sits roughly halfway between the strains observed in
the (110) and (100) peaks. Based on the model predictions,
this is a clear signature of the shift in operating slip
mechanism from {111} towards {100} in the c 0 phase of
polycrystalline nickel-base superalloys as the temperature
is increased.
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5. Conclusions

A series of in situ loading experiments have been carried
out on Alloy 720Li, an advanced polycrystalline nickel-
base superalloy containing about 45 vol.% c 0 at a range
of temperatures, using the ENGIN-X neutron diffractome-
ter at ISIS. The elastic strain response during elastic and
plastic yielding of the material was captured for each phase
(c and c 0) as well as for individual grain families. The strain
results have been compared with the predictions of a self-
consistent model to examine the changes in interphase
and intergranular strains as a function of temperature.
The model is in good agreement with the experimental pre-
dictions at elevated temperatures, but has only qualitative
agreement at room temperature. It could be observed that
at room temperature, 400 �C and 500 �C c 0 represents the
initially softer phase as the load is transferred to the c
phase during the onset of yielding. At these temperatures
significant hardening occurs in the c 0 phase during yielding
and as plasticity progresses load is transferred back in the
opposite direction. Instantaneous plastic yielding was
observed at 400 �C and 500 �C after about 1.5% strain
and at stress levels of about 1250 MPa, which coincides
with zero misfit between c and c 0 in the axial direction.

At 650 �C and 750 �C the reverse load transfer is
observed with the load being transferred to the c 0 phase
during the early stages of yielding. The variation of the
elastic strain response of individual superlattice diffraction
peaks of the c 0 phase at different temperatures provided a
clear signature, which could be correlated with the change
in operating slip mechanism from {111} to {10 0} with
increasing temperature. This change of slip mode is well
documented in the literature for single crystal nickel-base
superalloys and was experimentally verified by transmis-
sion electron microscopy studies [13]. The present work
demonstrates that the change of slip mode can be detected
in situ in bulk polycrystalline material when undertaking
in situ loading on an advanced neutron diffraction beam
line such as ENGIN-X.
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Appendix A.

In the following; ei, ai and Li are the strain increment,
thermal factor and stiffness tensors for inclusion i, respec-
tively. For the two-site model i = 1,2. E0, A0 and L0 are
the overall strain increment, thermal factor and stiffness
tensors, respectively. Cij are the four Green’s function ten-
sors, see the appendix of Ref. [38]. DTis the temperature
increment and dLi is the stiffness difference (dLi = Li � L0)
for inclusion i. e*is the uniform effective eigen-strain for the
two-site problem. The strain in each inclusion can be found
as

e1 ¼ e� þC11 : ½dL1 : e1� L1 : a1DT � þC12 : ½dL2 : e2 � L2 : a2DT �
e2 ¼ e� þC21 : ½dL1 : e1� L1 : a1DT � þC22 : ½dL2 : e2 � L2 : a2DT �

ðA1Þ
By rearranging these equations in block form we find

A11 : e1 þ A12 : e2 ¼ e� � V 1

A21 : e1 þ A22 : e2 ¼ e� � V 2
ðA2Þ

where

A11 ¼ I � C11 : dL1; A22 ¼ I � C22 : dL2

A12 ¼ �C12dL2; A21 ¼ �C21dL1 ðA3Þ
V 1 ¼ C11 : L1 : a1DT þ C12 : L2 : a2DT ;

V 2 ¼ C21 : L1 : a1DT þ C22 : L2 : a2DT

By isolating the strain components e1 and e2 in Eq. (A2) we
find that

e1 ¼ K1 : e� � ~e1

e2 ¼ K2 : e� � ~e2
ðA4Þ

where

K1 ¼ ½A11 � A12 : ½A22��1
: A21��1

: ½I � A12 : ½A22��1�
K2 ¼ ½A22 � A21 : ½A11��1

: A12��1
: ½I � A21 : ½A11��1�

~e1 ¼ ½A11 � A12 : ½A22��1 : A21��1 : ½V 1 � A12 : ½A22��1 : V 2�
~e2 ¼ ½A22 � A21 : ½A11��1

: A12��1
: ½V 2 � A21 : ½A11��1

: V 1�
ðA5Þ

The overall strain increment is found as the average of the
strain increments in the inclusions (no superscript is used
under the Æ� � �æ signs, as the averages are taken over both
inclusions)

E0 ¼ hei ¼ hKi : e� � h~ei ðA6Þ
and thereby the uniform effective eigen-strain is found as

e� ¼ hKi�1 : ½E0 þ h~ei� ðA7Þ
The stresses in the inclusions are given by

r1 ¼ L1 : ½e1 � a1DT �
r2 ¼ L2 : ½e2 � a2DT �

ðA8Þ

and by combining the above equations we find that

r1 ¼ L1 : ½K1 : hKi�1
: ½E0 þ h~ei� � ~e1 � a1DT �

r2 ¼ L2 : ½K2 : hKi�1
: ½E0 þ h~ei� � ~e2 � a2DT �

ðA9Þ

The overall stress is then found as

S0 ¼ L0 : ½E0 � A0DT �
¼ hri ¼ hL : Ki : hKi�1

: ½E0 þ h~ei� � hL : ½~eþ aDT �i
ðA10Þ

Thereby the overall stiffness, L0, is found as
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L0 ¼ hL : Ki : hKi�1

and the overall thermal parameter, A0, is found as

A0 ¼ ½L
0��1

: hL : ½~eþ aDT �i � h~ei
DT

ðA11Þ
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